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Abstract

Self-di!usion along screw and edge dislocations in Al is studied by molecular dynamics simulations. Three types of simulations are
performed: with pre-existing vacancies in the dislocation core, with pre-existing interstitials, and without any pre-existing defects (intrin-
sic di!usion). We find that di!usion along the screw dislocation is dominated by the intrinsic mechanism, whereas di!usion along the
edge dislocation is dominated by the vacancy mechanism. Di!usion along the screw dislocation is found to be significantly faster than
di!usion along the edge dislocation, and both di!usivities are in reasonable agreement with experimental data. The intrinsic di!usion
mechanism can be associated with the formation of dynamic Frenkel pairs, possibly activated by thermal jogs and/or kinks. The sim-
ulations show that at high temperatures the dislocation core becomes an e!ective source/sink of point defects and the e!ect of pre-exist-
ing defects on the core di!usivity diminishes.
! 2009 Acta Materialia Inc. Published by Elsevier Ltd. All rights reserved.
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1. Introduction

The mobility of atoms in core regions of lattice disloca-
tions can be orders of magnitude higher than in surround-
ing lattice regions. For historic reasons, this phenomenon is
often referred to as ‘‘pipe di!usion”, although it should
properly be called ‘‘dislocation di!usion” for consistency
with the well-established terms of grain boundary di!usion
and surface di!usion [1–3].

The fast atomic transport along dislocations can play a
significant role in the kinetics of many processes in materi-
als [4]. Dislocation di!usion can contribute to creep mech-
anisms, including dislocation climb and Orowan loop
bowing [5]. Deviations from the power law of creep can
be attributed to dislocation di!usion [6,7]. Di!usion of sol-
ute atoms along arrested dislocations is one of the pro-
posed mechanisms of dynamics strain aging in alloys
exhibiting flow instabilities [8–10]. The kinetics of solute

segregation to surfaces and grain boundaries can be
enhanced by di!usion along dislocations terminating at
the interfaces [11–13]. Coarsening kinetics in precipitation-
strengthened alloys are often influenced or even controlled
by dislocation di!usion, especially in nanometer-scale
structures in which dislocation lines can directly connect
the growing particles. Di!usion along misfit dislocations
at c=c0 interfaces can contribute to the c0-phase coarsening
and rafting kinetics, a!ecting the creep resistance of super-
alloys [14]. Dislocation di!usion can influence sintering
processes [15–17], oxidation, corrosion, recovery of radia-
tion damage, and electromigration damage in microelec-
tronic devices [18].

Despite its importance, the phenomenon of dislocation
di!usion is not well understood on the fundamental level.
The amount of reliable experimental information is rather
limited [1–3]. According to experimental data available, the
coe"cient Dd of dislocation di!usion approximately fol-
lows the Arrhenius law

Dd ! D0
d exp " Ed

kBT

! "
; #1$
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kB being the Boltzmann constant and T temperature. The
activation energy of dislocation di!usion, Ed , is approxi-
mately 0.6–0.7 of the activation energy of lattice di!usion
E, whereas the pre-exponential factor D0

d is close to typical
values for lattice di!usion [1]. Dislocation di!usion coe"-
cients tend to increasewith themagnitude of the Burgers vec-
tor and decrease with the dissociation width into Shockley
partials in face-centered cubic metals. It is assumed that dis-
location di!usion is mediated by atomic exchanges with sin-
gle vacancies, although there is no convincing experimental
evidence for this mechanism. In fact, except for the analogy
with lattice di!usion, there is no fundamental reasonwhy va-
cancy di!usion must necessarily dominate over interstitial
di!usion or other possible di!usion mechanisms.

Experimental measurements of dislocation di!usion are
di"cult and can be divided in two categories. In directmea-
surements, the di!usion coe"cient is extracted from the
penetration profile (concentration vs. depth) of radioactive
tracer or impurity atoms di!used into a deformed single
crystal or a polycrystal containing low-angle grain bound-
aries. The penetration profile is analyzed in terms of con-
tinuum models, in which the dislocations are represented
by high-di!usivity ‘‘pipes” of some radius rd whose di!u-
sion coe"cient Dd is much larger than the lattice di!usivity
D. Several mathematical solutions of this di!usion problem
have been developed [3], all assuming that the dislocations
are normal to the surface and arranged in a wall or another
(e.g., hexagonal) periodic array. By fitting a model solution
to the experimental profile, the so-called integrated di!u-
sion flux Pd ! DdAd is extracted, where Ad ! pr2d is the
cross-sectional area of the dislocation ‘‘pipe”. To estimate
Dd separately, an assumption about rd must be made,
which is usually rd ! 0:5 nm. This uncertainty of rd does
not a!ect applications since it is only the quantity Pd that
appears in all models of di!usion-controlled processes in
materials, not Dd separately. Most of the dislocation di!u-
sion coe"cients available today were measured in the

1960–1970s. Very few direct measurements are made these
days, see [19] (radiotracer self-di!usion in Fe) and [20,21]
(secondary-ion mass spectrometry for oxides) as some
recent examples.

In indirect methods, Pd is back-calculated from the rate
of a particular di!usion-controlled process, such as internal
friction, dislocation climb, dislocation loop shrinkage,
phase growth kinetics [22,18], or annihilation of dislocation
dipoles [1,23,21]. Essentially, it can be any process whose
rate is assumed to be controlled by dislocation di!usion
and for which a model containing Pd is available. Unfortu-
nately, such models often rely on crude approximations
and contain other unknown parameters. Indirect measure-
ments are only accurate up to an order of magnitude at
best and have a poor reproducibility.

As one example relevant to this work, Table 1 summa-
rizes experimental data for Al self-di!usion. For dislocation
di!usion, only indirect measurements from void-shrinkage
kinetics are available [24]. For dislocation di!usion in Al
alloys, only crude estimates of the activation energy from
internal friction experiments [25] exist in the literature.

The enhanced atomic mobility along dislocations and
the correlation Ed % 0:6" 0:7E were confirmed by early
atomistic simulations with pair potentials [26–28]. Con-
trary to the common assumption, Huang et al. [27,28]
found that vacancies and interstitials could make compara-
ble contributions to dislocation di!usion. More accurate
simulations employing embedded-atom method (EAM)
potentials have recently been performed for dislocations
in Au [29], Al [30–33,4] and Cu [27–29], as well as
Al–Mg [33] and Al–Cu [34] alloys. The rates of vacancy
jumps along the core were found to depend on the disloca-
tion character (edge, screw or mixed). However, except for
[4,29], only di!usion by the vacancy mechanism was ana-
lyzed. Furthermore, while the di!usion coe"cient of vacan-
cies, Dv, was calculated in several studies [28–31], the
atomic di!usion coe"cient Dd was only estimated in Refs.

Table 1
Summary of experimental data for the pre-exponential factor D0 and activation energy E of lattice di!usion, grain-boundary di!usion, and dislocation
di!usion in Al. d is the grain boundary width and Ad is the cross-sectional area of the dislocation core. The dash indicates that data is unavailable.

Lattice di!usion Boundary di!usion Dislocation di!usion

D0 #m2=s$ E #eV$ dD0b# m3=s$ Eb #eV$ AdD0d # m4=s$ Ed #eV$

Lundy and Murdock [51] 1:71& 10"4 1.47 – – – –
Volin et al. [24] – – – – 7:0& 10"25 0.85
Engardt and Barnes [52] – 1.3 – – – –
Spokas and Slichter [53] – 1.40 – – – –
DeSorbo and Turnbull [54] – 1.44 – – – –
Fradin and Rowland [55] 3:5& 10"6 1.25 – – – –
Stoebe and Dawson [56] 0:02& 10"4 1.22 – – – –
Stoebe and Dawson [56] 1:7& 10"4 1.48 – – – –
Häßner [57] – – 1:9& 10"14a 0.62 – –
Gangulee and d́Heurle [58] – – 2:3& 10"22 – – –
Levenson [59] – – – 0.55 – –
Haruyama et al. [60] – – – – – 0.90
Federighi [61] – 1.33 – – – –
Volin and Ballu" [62] 1:76& 10"5 1.31 – – – –
a 1:9& 10"5 m2=s multiplied by d ! 1:0 nm.
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[28,33,34] and determined by direct simulations only in
Ref. [4]. We emphasize that it is Dd , not the point-defect
di!usion coe"cient, that controls the mass flux along the
dislocation core and appears in all models of di!usion-con-
trolled processes. The point-defect di!usion coe"cient con-
stitutes only one ingredient of the di!usion process, which
must be combined with point-defect concentrations, jump-
correlation factors and other ingredients to obtain Dd [35].
For impurity di!usion, the equilibrium segregation and
impurity-defect binding energies at di!erent sites should
also be known [10,34].

An alternative and more straightforward approach
adopted in [4] is to extract Dd from mean-squared atomic
displacements computed by direct molecular dynamics
(MD) simulations. An additional advantage of this
approach is that information about di!usion mechanisms
can be inferred from MD results, instead of postulating
particular mechanisms as it is done in other methods.
Recent simulation studies of grain boundary di!usion
[36–41] have revealed a large variety of possible di!usion
mechanisms, some of which cannot operate in the lattice.
A similar multiplicity and complexity of di!usion mecha-
nism might exist in dislocation cores.

The goal of this paper is to study the e!ect of the dislo-
cation character on di!usion, and to evaluate the relative
importance of vacancies and interstitials. We analyze the
limiting cases of the edge and screw dislocations in Al,
applying MD simulations to extract the di!usion coe"-
cients in both dislocations. To make this paper self-con-
tained, we include some of our earlier preliminary results
for the screw dislocation [4].

2. Methodology

The atomic interactions are modeled with the EAM
potential for Al developed in [42]. This potential is accu-
rately fit to experimental and ab initio data and reproduces
a number of properties of Al, including elastic constants,
phonon frequencies, the intrinsic stacking fault energy,
and point-defect formation and migration energies. The
melting temperature T m of Al predicted by this potential
is 1042 K [43], which is about 10% above the experimental
value. The predicted activation energy of bulk di!usion in
Al is 1.33 eV [42] in good agreement with experiment
[44,45].

A cylindrical model is used with a periodic boundary
condition along the cylinder axis z. For the screw disloca-
tion, the z axis is parallel to the crystallographic direction
[110], whereas the x and y axes are aligned with '!11!2(
and '!111(, respectively. The length of the cylinder is 47 Å
and its initial diameter is about 150 Å. To create a disloca-
tion, all atoms are displaced from their initially perfect lat-
tice positions according to the anisotropic linear elasticity
solution for a straight screw dislocation [46] with the Bur-
gers vector 1

2 '110(. The elastic center is placed between
atomic rows so that to avoid the singularity. After the dis-
placements, a smaller cylinder is cut out of the large one,

containing only 7344 atoms and having the same length
but a smaller diameter of 58 Å. Atoms within a 6 Å thick
outer layer of this smaller cylinder are fixed and all other
atoms are relaxed by minimizing the total potential energy
with respect to atomic positions. The relaxed structure of
the dislocation core is found to be slightly dissociated into
Shockley partials on a {111} plane. This dissociation is
very narrow but can be readily resolved by the Nye tensor
method (see Fig. 3 in [47]) or other visualization techniques
[48]. For a di!usion study, more atoms of this relaxed con-
figuration are fixed, leaving only N ! 2064 atoms free to
move during the subsequent MD simulations. These free
atoms are located within a cylinder of d = 30 Å in diameter
centered at a midpoint between the partials. The goal of
this step is to create a model with a relatively small number
of dynamic atoms that would permit long MD runs.

A similar procedure has been applied to create an edge
dislocation. In this case, the cylinder axis z is parallel to
[112], whereas the x and y directions are aligned with
'1!10( and '11!1(, respectively. The cylinder has the diameter
and length of 100 Å and 50 Å, respectively, and contains
23,450 atoms. The Burgers vector 1

2 '110( of the edge dislo-
cation is parallel to x and the splitting of the partials is
slightly larger than for the screw dislocation. For di!usion
simulations, only N ! 4570 atoms are left free to move,
while all other atoms are fixed. The free atoms are located
within a cylinder of d = 44 Å in diameter.

Dislocation di!usion has been studied at several temper-
atures from 750 K to 1000 K, the highest temperature being
42 K below the melting point with this potential. The MD
simulations employ the ITAP Molecular Dynamics (IMD)
code [49], with the integration time step of 2 fs. The NVT
ensemble is implemented, with the temperature controlled
by aNose–Hoover thermostat. Tominimize thermal stresses
thatmight arise at high temperatures, the simulation block is
expanded uniformly by the thermal expansion factor at the
chosen temperature prior to the MD simulations. The ther-
mal expansion factors predicted by this potential were com-
puted earlier [43]. In each MD run, the temperature is
ramped up to the target value during the first 2 ns, followed
by isothermal annealing for at least 30 ns.

At the post-processing stage, the isothermal anneal time
is divided into several equal intervals from 3 to 7 ns each,
depending on the temperature. For each time interval, we
identify all dynamic atoms located within an imaginary cyl-
inder of a chosen radius R < d=2 in the beginning and at
the end of the time interval. The mean-squared displace-
ment hz2#t$i of all such atoms parallel to the dislocation line
is calculated as a function of time t. The functions hz2#t$i
computed for individual time intervals are then averaged
over all intervals. This calculation is repeated for several
values of R, producing a function hz2#t$i#R$ used for
extracting the dislocation di!usion coe"cients as will be
discussed in Section 3.

Due to the periodic boundary condition in the z direc-
tion, an atom attempting to leave the block during the
MD simulations is automatically translated back by the
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repeat period of the block and reappears on its opposite
side. By examining MD snapshots saved every 0.2 ns dur-
ing the simulation run, all such translations across the
block are identified and the atoms are moved back before
using their coordinates for the calculation of hz2#t$i. We
emphasize that this ‘‘unwrapping” procedure is imple-
mented at the post-processing stage and by no means
a!ects the actual MD simulations.

Three di!erent types of simulations have been per-
formed: when a single vacancy is created inside the disloca-
tion core prior to the MD run, when a single self-interstitial
is created, and when no point defects are introduced. The
latter case will be referred to as intrinsic di!usion.

As will be discussed later, calculations of the di!usion
coe"cient after the introduction of a vacancy require the
knowledge of the average number Nv of vacancies that
would be found in the simulation block under equilibrium
conditions at the given temperature. This number can be
evaluated by

Nv !
XN

n!1

exp " Ef
vn

kBT

! "
; #2$

where Ef
vn is the vacancy formation energy at site n, and the

summation runs over all N positions of the dynamic atoms.
The values of Ef

vn are obtained by separate calculations, in
which a single vacancy is created at various sites and the
block is relaxed statically at 0 K. From the energy di!er-
ence DEvn between the relaxed block with a vacancy and
the initial relaxed block without a vacancy, Ef

vn is obtained
by Ef

vn ! DEvn ) E0, where E0 ! "3:36 eV is the equilib-
rium cohesive energy of the perfect crystal [42]. These cal-
culations are simplified by the fact that the Ef

vn values in
each atomic row running parallel to z are identical, there-
fore only one Ef

vn per row needs to be computed.

A similar procedure is applied to determine the equilib-
rium number Ni of interstitial atoms that would be found
in the simulation block:

Ni !
XK

n!1

exp " Ef
in

kBT

 !

; #3$

where the summation is over K stable interstitial configura-
tions in and around the dislocation core region. The forma-
tion energy of bulk interstitials is so high that only a limited
numberof interstitial configurations inanarrowvicinity of the
coremake non-negligible contributions to Eq. (3). The inter-
stitial formation energy is given by Ef

in ! DEin " E0, where
DEin is the total energy change due to the interstitial creation.

3. Results

3.1. Point defect energies in dislocation cores

For lattice vacancies, the EAM potential employed in
this work gives the formation energy Ef

v ! 0:68 eV and
the migration energy Em

v ! 0:65 eV [42]. Thus, the activa-
tion energy of vacancy-mediated self-di!usion is predicted
to be E ! Ef

v ) Em
v ! 1:33 eV. The lattice self-interstitial

formation energy is much higher, 2.59 eV, even for the
most stable ([001] split dumbbell) configuration.

The vacancy formation energies Ef
vn calculated for di!er-

ent sites n within the simulation block range from 0.51 eV
to 0.71 eV for the screw dislocation and from 0.52 eV to
0.75 eV for the edge dislocation. The lowest values are
found in the dislocation core region while the highest val-
ues near the boundary between the dynamic atoms and
the fixed region (due to image forces). Our range of Ef

vn val-
ues is comparable to that computed by Hoagland et al. [30]
using a di!erent EAM potential. Fig. 1 displays contour
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Fig. 1. Contour plots of the vacancy formation energy in the vicinity of (a) the screw dislocation and (b) the edge dislocation. The contour interval is
0.02 eV and the innermost contour corresponds to the energy of 0.52 eV. The bulk value of the vacancy formation energy is 0.68 eV. The dislocation line is
normal to the page and the circles represent projections of the dynamic atoms.
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plots of Ef
vn for both dislocations. For the screw disloca-

tion, the contours clearly reveal the core splitting on the
#1!11$ plane, with minima of Ef

vn in the partial core regions
(Fig. 1a). For the edge dislocation, the exact positions of
the partials are not revealed by the contours but the split-
ting is clearly seen. The vacancy formation energy is
reduced relative to its bulk value in the compression region
above the glide plane (Fig. 1b).

The interstitial formation energy varies between 1.04
and 2.72 eV for the screw dislocation and between 0.89
and 2.84 eV for the edge dislocation. Again, the energies
slightly exceeding the ideal bulk value (2.59 eV) are found
near the fixed region. The lowest formation energies occur
inside the dislocation core and rapidly increase to the bulk
value at short distances away from the core.

3.2. Intrinsic di!usion along dislocation cores

An important finding of this work is the existence of the
intrinsic di!usivity along the dislocation cores. Specifically,
even without any pre-existing point defects, atoms are
found to migrate along the screw dislocation core at all
temperatures studied here and along the edge dislocation
core at high temperatures. While intrinsic di!usion at high
temperatures can be explained by the increasingly disor-
dered core structure that becomes capable of generating
point defects, the existence of intrinsic di!usion at low tem-
peratures is an interesting and unexpected phenomenon.
Before quantifying this e!ect, Fig. 2 gives its qualitative
demonstration for the screw dislocation at 900 K. An arbi-
trary MD snapshot was taken, atoms located within a slice
of material normal to the dislocation line were selected, and
their motion was tracked through subsequent snapshots.
The observed random scattering of the labeled atoms in
both directions parallel to the dislocation line gives direct
evidence of di!usive motion in the core region.

Typical time dependencies of mean-squared displace-
ments of atoms are displayed in Fig. 3a. These plots were
obtained for the screw dislocation with R = 7 Å, but they
look qualitatively similar for the edge dislocation and for
other values of R. It is seen that the plots accurately follow
a linear relation expected from the Einstein formula
hz2#t$i ! 2!Dt, confirming that our simulations have prop-
erly sampled the di!usion kinetics. The slope S of the
least-squares linear fit to such plots gives the di!usion coef-
ficient D ! S=2 averaged over the cylindrical region of the
chosen radius R.

In the continuum models of dislocation di!usion (Sec-
tion 1), the di!usion coe"cient is assumed to be discontin-
uous and have a high value Dd inside a ‘‘pipe” of a radius rd
and a much smaller value outside the ‘‘pipe”. In reality the
di!usivity is continuous but can still be expected to have a
sharp maximum in the core region. Accordingly, the di!u-
sivity averaged over a cylindrical region of radius R, con-
sidered as a function of R, should also have a maximum
in the core and fall o! to zero at infinitely large R. The
exact form of this function is unknown a priori, but after

trying several analytical forms we found that our simula-
tion data is best described by a Gaussian function

D#R$ ! Ae"R2=r2d ) B; #4$

with adjustable parameters A; B and rd . Examples of fit
with this equation are given in Fig. 4a. The absence of data
points below a certain value of R is explained by limited
statistics collected when the probing cylinder contains too
few atoms. In addition, at small R the results begin to de-
pend on the exact placement of the axis of the probing
cylinder.

Parameter rd in Eq. (4) has the obvious meaning of the
dislocation core radius. Accordingly, DI

d * D#R ! rd$ !
A=e) B can be taken as an e!ective dislocation di!usivity.
The superscript I is a reminder that this di!usivity is intrin-
sic. While in an infinitely large system B would be zero, in a
finite-size system it is small but finite due to the e!ect of
boundary conditions. To a good approximation, DI

d can
be evaluated as simply DI

d % A=e.
The intrinsic di!usivities obtained for the screw disloca-

tion approximately follow the Arrhenius law (1) (Fig. 5a)
with the activation energy and pre-exponential factor given
in Table 2. For the edge dislocation, we were able to deter-
mine the intrinsic di!usion coe"cients only at temperatures
925 K and higher (Fig. 5b). They were found to be more
than an order of magnitude smaller than for the screw dis-
location. At lower temperatures, the intrinsic di!usivity of
the edge dislocation is below the detection capabilities of
our method and was not calculated. Comparison of these

y <
11

1>

z  <110>

Fig. 2. Demonstration of atomic di!usion along the screw dislocation at
900 K in the absence of pre-existing point defects (intrinsic di!usion). The
bounding box represents the dimensions of the cylindrical simulation
block viewed from a side. The dislocation line is marked by a horizontal
dashed line. Atoms initially located in a slice normal to the dislocation line
were selected and their new positions after a 2 ns long MD run are shown
in this plot. All other atoms remain invisible. The spreading of the selected
atoms along the core is a signature of intrinsic di!usion.
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results with di!usion by other mechanisms and with exper-
imental data will be discussed later (Section 4).

3.3. Vacancy di!usion in dislocation cores

When a single vacancy is introduced into the dislocation
core prior to the MD simulations, the plots of hz2#t$i vs. t
remain linear but their slopes increase relative to the intrin-
sic case (Fig. 3b and d), indicating an enhancement of dif-
fusion by the vacancy. The average core di!usivity D#R$
can again be fitted by Eq. (4), where parameter B repre-
sents the vacancy-mediated bulk di!usivity distorted by
the boundary conditions (Fig. 4b and d). As in the intrinsic
case, the quantity Draw

d ! A=e) B can be taken as the e!ec-

tive dislocation core di!usivity. However, this ‘‘raw” value
needs to be corrected for the equilibrium vacancy
concentration.

Indeed, in the MD simulations, the dynamic region of
the simulation block contains exactly one vacancy at all
temperatures. This single vacancy spends most of its time
in the core (where it di!uses fast along the z direction)
and a small fraction of the time in surrounding lattice
regions (where it di!uses relatively slowly). The fixed
boundaries prevent the vacancy from escaping and it
remains confined to the dynamic region. Under real equi-
librium conditions, however, the dynamic region would
contain on average Nv vacancies, where Nv is given by
Eq. (2). This number depends on temperature and, at most

0.00

0.05

0.10

0.15

0.20

0.25

0.30

0.35

0.40

 0  1  2  3  4  5  6

M
ea

n 
sq

ua
re

d 
di

sp
la

ce
m

en
t [

nm
2 ]

Time [ns]

1000K
900K
850K
800K
750K

(a)

0.00

0.05

0.10

0.15

0.20

0.25

0.30

0.35

0.40

 0  1  2  3  4  5

M
ea

n 
sq

ua
re

d 
di

sp
la

ce
m

en
t [

nm
2 ]

Time [ns]

1000K
900K
850K
800K
750K

(b)

0.00

0.05

0.10

0.15

0.20

0.25

0.30

0.35

0.40

 0  0.5  1  1.5  2  2.5  3

M
ea

n 
sq

ua
re

d 
di

sp
la

ce
m

en
t [

nm
2 ]

Time [ns]

1000K
975K
900K
800K
750K

(c)

0.00

0.01

0.02

0.03

0.04

0.05

0.06

 0  1  2  3  4  5  6  7

M
ea

n 
sq

ua
re

d 
di

sp
la

ce
m

en
t [

nm
2 ]

Time [ns]

1000K
975K
900K
800K
750K

(d)

Fig. 3. Mean-squared atomic displacements along the core of the screw (a and b) and edge (c and d) dislocations as functions of time at selected
temperatures: (a) in the absence of point defects (intrinsic di!usion), (b and d) in the presence of a single vacancy, (c) in the presence of a single interstitial.
The displacements are averaged over a cylinder of radius R ! 7 Å in (a–c) and 8 Å in (d).
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temperatures studied here, remains smaller than one. Thus,
the ‘‘raw” value Draw

d overestimates the actual vacancy con-
tribution to the dislocation di!usivity by a factor of 1=Nv.
Assuming that the intrinsic di!usion mechanism continues
to operate in the presence of the vacancy, it can also con-
tribute to Draw

d . Thus, the true dislocation di!usivity Dv
d in

the presence of equilibrium vacancies can be calculated by

Dv
d ! DI

d ) Nv Draw
d " DI

d

# $
; #5$

where the second term represents the vacancy contribution.
For the screw dislocation, the di!usivities Dv

d computed
from Eq. (5) are only slightly larger than the intrinsic di!u-
sivities (Fig. 5a), indicating that the second term in Eq. (5)
is relatively small. Accordingly, the Arrhenius parameters
obtained in the presence of vacancies are close to those

for intrinsic di!usion (Table 2). In other words, although
the introduction of a single vacancy produces a large
enhancement of the core di!usivity, the recalculation to
the equilibrium vacancy concentration reduces the vacancy
contribution to a small correction.

Similar calculations have been performed for the edge
dislocation. In this case, however, the situation is very dif-
ferent. At temperatures below 950 K the contribution of
the intrinsic di!usivity is negligibly small and Eq. (5) can
be applied in the approximate form Dv

d ! NvDraw
d . At higher

temperatures, where the rapidly increasing intrinsic di!u-
sivity becomes large, the Dv

d values computed from Eq.
(5) come close to DI

d . At these temperatures, the edge dislo-
cation core is capable of generating its own point defects
and the addition of a vacancy does not produce any
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Fig. 4. Average dislocation di!usivity vs. radius R for the screw (a and b) and edge (c and d) dislocations as a function of time at selected temperatures: (a)
in the absence of point defects (intrinsic di!usion), (b and d) in the presence of a single vacancy, (c) in the presence of a single interstitial. The lines present
fits by Eq. (4).
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significant e!ect. The di!usion coe"cients calculated for
the edge dislocation are shown in Fig. 5b. Considering
the di!erent roles of the added vacancy at low and high
temperatures, the Arrhenius parameters (Table 2) were
computed by fitting to the di!usion coe"cients obtained
only at temperatures below 950 K.

3.4. Interstitial di!usion in dislocation cores

Due to the high mobility of interstitials, the di!erence
between Draw

d and DI
d is greater than in the vacancy case

and at low temperatures easily reaches an order of magni-
tude. This fact o!ers an opportunity to cross-check our
methodology. Indeed, since we keep only one interstitial in
the simulation block at all temperatures, the Arrhenius fit
to Draw

d should give us an e!ective interstitial migration
energy Eim in the core region. For the screw dislocation,
assuming that at T 6 900 K the intrinsic contribution to
Draw

d can be neglected, the Arrhenius fit gives Eim ! 0:14+
0:04 eV. This number compares well with the migration
energy of bulk interstitials computed with this EAM poten-

tial (0.15 eV) [42] and the migration energy measured exper-
imentally (0.1 eV) [1]. Equally encouraging results have been
obtained for the edge dislocation.

The true dislocation di!usivity Di
d in the presence of

equilibrium interstitials is computed from the equation

Di
d ! DI

d ) Ni Draw
d " DI

d

# $
; #6$

where the equilibrium number Ni of interstitials that would
be found in the simulation block is given by Eq. (3). For
the screw dislocation, the obtained Di

d values are almost
identical to DI

d due to the very small magnitude of Ni.
Although Draw

d is much larger than DI
d , typical values of

Ni are on the order of 10"3–10"4, making the second term
in Eq. (6) negligibly small. Thus, interstitials are predicted
to give practically no contribution to the di!usivity in the
screw dislocation in comparison with intrinsic di!usion
(Fig. 5a), leading to Ei

d % EI
d % 0:64+ 0:10 eV (Table 2).

By contrast, in the edge dislocation the intrinsic di!usiv-
ity is so small that it can be completely neglected at all tem-
peratures below 925 K. The Arrhenius plot of Di

d at these
temperatures (Fig. 5b) was used to extract the activation
energy and pre-factor listed in Table 2. At higher tempera-
tures, the situation changes as the rapidly increasing intrin-
sic di!usivity reaches and then exceeds the interstitial
contribution. This temperature range is dominated by a
di!erent di!usion regime and was not included in the
Arrhenius fit.

4. Discussion and conclusions

Fig. 5 and Table 2 summarize the main findings of this
work. Self-di!usion coe"cients have been computed for
the screw and edge dislocations in Al in the presence of
vacancies, interstitials and without any pre-existing defects
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Fig. 5. Arrhenius plots of calculated di!usion coe"cients in (a) the screw dislocation core and (b) the edge dislocation core. The lines show Arrhenius fits
in the selected temperature intervals.

Table 2
Arrhenius parameters of di!usion along the screw and edge dislocations in
Al computed in this work. The di!usion radius of the core rd is also
indicated. The error bars are represented by standard deviations.

Intrinsic With vacancy With interstitial

Screw dislocation
Ed #eV$ 0:64+ 0:10 0:70+ 0:07 0:64+ 0:10
logD0d #m2=s$ "7:16+ 0:57 "6:71+ 0:40 "7:15+ 0:57
rd #nm$ 0:59+ 0:001 0:61+ 0:006 0:60+ 0:003

Edge dislocation
Ed #eV$ – 1:19+ 0:14 1:13+ 0:04
logD0d #m2=s$ – "5:65+ 0:89 "7:21+ 0:24
rd #nm$ – 1:16+ 0:13 0:89+ 0:03
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(intrinsic di!usion) over a range of temperatures. We find
that di!usion along the screw dislocation is dominated by
the intrinsic mechanism, with vacancies and interstitials
making only minor contributions. In contrast, intrinsic dif-
fusion in the edge dislocation is very slow at all tempera-
tures below 950 K, and the core di!usivity is dominated
by vacancies. At high temperatures (>950 K), the core of
the edge dislocation becomes increasingly disordered and
begins to operate as an e!ective source of point defects.
As a result, the core di!usivity remains high even when
no point defects are introduced prior to the MD simula-
tions, and when such defects are introduced, they produce
little e!ect on the core di!usivity. Overall, di!usion along
the screw dislocation is found to be significantly faster than
di!usion along the edge dislocation. These results demon-
strate that di!usion rates and di!usion mechanisms
strongly depend on the dislocation type.

The di!usion radius of the dislocation core is about
0.6 nm of the screw dislocation and about 1 nm for the
edge dislocation. Both numbers are physically reasonable
and validate the assumption rd ! 0:5 nm commonly
accepted in the continuum models of dislocation di!usion
[3]. No temperature dependence of rd was detected within
the error bars of the simulations.

The only experimental data that can be used for com-
parison with our simulations was obtained by indirect mea-
surements based on void-shrinkage kinetics in thin films
[24]. Such measurements give only the integrated flux
Pd ! DdAd ; Ad being the cross-sectional area of the core.
To enable comparison with this experiment, we have com-
puted the integrated flux by adding the contributions of
di!erent mechanisms,

Pd ! Dv
dA

v
d ) Di

dA
i
d ) DI

dA
I
d : #7$

Because our EAM potential overestimates the experi-
mental melting point, homologous temperatures T =Tm are
used as a common basis for comparison. The computed
and experimental fluxes are plotted on the Arrhenius dia-
gram in Fig. 6. Since these two sets of data were obtained
in very di!erent temperature intervals, extrapolation across
a wide range of temperatures is made. Nevertheless, we
observe that the experimental Arrhenius line extrapolates
to the same range of Pd values at high temperatures as
obtained by our simulations. Furthermore, the experimen-
tal measurements represent an average di!usivity over dif-
ferent types of dislocations present in the experimental
samples. It is, therefore, encouraging to see that the extrap-
olated experimental values of Pd lie between our calcula-
tions for the limiting cases of the screw and edge
dislocations. Considering all the uncertainties involved in
this comparison, the agreement between the experiment
[24] and simulation is quite satisfactory.

Table 3 summarizes the e!ective Arrhenius parameters
for the screw and edge dislocations obtained by fitting to
the fluxes Pd . As expected from Fig. 6, the experimental
activation energy for an ‘‘average” dislocation lies between
the computed activation energies for the screw and edge
dislocations. Furthermore, the computed ratios of the
dislocation to lattice activation energies are, respectively,
on the lower and higher sides of the experimental range
0.6–0.7 [1]. Our finding that the Arrhenius characteristics
of dislocation di!usion depend on the dislocation type is
also in agreement with experimental data [1–3].

To put the obtained dislocation di!usivities in perspec-
tive, Fig. 6 includes data for lattice self-di!usion. The lat-
tice self-di!usion coe"cients were calculated by standard
methods [50,35] based on the transition state theory, with
the vacancy formation and migration energies computed
by molecular statics (Table 4).1 To enable plotting in the
same coordinates, the computed and experimental di!usion
coe"cients were multiplied by pr2d with rd ! 0:5 nm. The
most reliable experimental data is represented by direct
radiotracer measurements by Lundy and Murdock [51].
Two conclusions can be drawn from this comparison.
First, the reasonable agreement between the calculated
and experimental lattice di!usivities is a reassurance of
accuracy of our methodology. Second, this comparison
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Fig. 6. Arrhenius diagrams of the calculated di!usion flux Pd ! AdDd for
the screw #,$ and edge #}$ dislocations in comparison with experimental
data [24] measured at temperatures 323–453 K (thick solid line). The
dashed and dotted lines show Arrhenius fits. Experimental (+) [51] and
computed (thin solid line) data for lattice self-di!usion is shown for
comparison.

Table 3
Arrhenius parameters of dislocation di!usion obtained from Fig. 6.

Screw Edge Experiment

Ed #eV$ 0:68+ 0:08 1:19+ 0:14 0.85
log P 0d #m4=s$ "24:54+ 0:47 "23:01+ 0:85 "24.15
Ed=E 0.58 0.82 0.64

1 This calculation of the lattice di!usivity is correct only in the limit of
low temperatures and can give errors when extrapolated to high
temperatures. This approximation is used here only for the purpose of
putting the dislocation di!usivities in perspective with lattice di!usion.
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confirms that dislocation di!usion remains faster than lat-
tice di!usion even at temperatures approaching the melting
point. At 0:5 Tm, the di!erence between the two types of
di!usivity reaches 2–3 orders of magnitude.

We now discuss atomic mechanisms of dislocation di!u-
sion. Two mechanisms have been identified in this work as
most important: the intrinsic di!usion and the vacancy-
mediated di!usion. The role of interstitials is relatively
small; although their mobility is very high, the formation
energy is too large resulting in extremely small concentra-
tions and thus insignificant contributions to di!usion.

The intrinsic di!usion mechanism is a rather intriguing
phenomenon that does not occur in lattice di!usion under
normal conditions. Although we have not been able to
achieve a full understanding of the underlying atomic
mechanism, the following observations might give some
clue.

First, the intrinsic simulations at temperatures above
800 K reveal rare events in which a vacancy is injected from
the core into nearby lattice regions. The vacancy makes
several jumps in the lattice and quickly returns to the core.
Evidence of such events is obtained by plotting atomic tra-
jectories between sequential MD snapshots, as shown in
Fig. 7a for the screw dislocation at 850 K. A chain of
arrows connecting lattice sites shows a trace of a vacancy
walk through those sites. A snapshot containing an injected
vacancy that is still in the lattice would contain a chain of
arrows originating from a lattice site (which would indicate
the current vacancy position) and ending in the core. A set

of arrows forming a loop starting and ending in the core
indicates a vacancy excursion into the lattice and back into
the core. Such loops were indeed frequently observed at
high temperatures, with the exit point of the vacancy being
generally di!erent from the reentry point into the core. At
all temperatures below 950 K, none of our snapshots con-
tained a vacancy in the lattice, suggesting that the vacancy
excursions were much shorter than 0.2 ns. Note that when
a vacancy is injected into the lattice, an interstitial is left in
the core, which is free to migrate along the core until the
vacancy returns and recombines with it.

Based on these observations we suggest the following
mechanism of intrinsic di!usion. Once in a while, a Frenkel
defect (vacancy–interstitial pair) spontaneously forms in
the core by thermal fluctuations. The two defects briefly
separate and migrate along the core independently, pro-
ducing self-di!usion before they recombine and restore
the defect-free structure. Because the interstitial formation
energy in the lattice is very high, it always stays in the core
during this process. The vacancy, on the other hand, has a
finite probability of making a few jumps into adjacent lat-
tice regions and returning into the core, giving rise to
chains of atomic displacements seen in our simulations.
Thus, the intrinsic di!usion can be attributed to the exis-
tence of dynamic Frenkel pairs in the dislocation core.

The second clue is that the screw dislocation core is seen to
form dynamic jogs at relatively high temperatures (Fig. 8).
The jogs typically nucleate by pairs, spread along the core
and recombine with their periodic images. As a result, the
dislocation line fluctuates around an average position. By
contrast, no thermal jogs or kinks were found at the edge
dislocation in our simulations. Given that the intrinsic
di!usion is dominant in the screw core and negligibly small
in the edge core, we hypothesize that the thermal jogs
might be involved in the Frenkel pair formation. It seems
possible that the jogs create local atomic configurations

Table 4
Calculated vacancy formation energy #Evf $, formation entropy #Svf $,
migration energy #Evm$, attempt frequency #m$ and lattice constant #a$ used
for the calculation of the lattice self-di!usion coe"cient in Al.

Evf #eV$ Svf =kB Evm #eV$ m #Hz$ a #Å$

0.675 "0.360 0.630 6:00& 1012 4.05

(a) (b)

Fig. 7. Typical cross-sectional views of the simulation block showing vacancy migration paths without any pre-existing point defects in the dislocation
core (intrinsic case). (a) Screw dislocation at 850 K. (b) Edge dislocation at 1000 K. The dislocation line is normal to the page. The small black circles show
projections of dynamic atoms. The red arrows indicate atomic displacements between two snapshots separated by 0.2 ns. The blue arrow show the location
of a vacancy generated by the dislocation core. (For interpretation of the references to colour in this figure legend, the reader is referred to the web version
of this article.)
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that facilitate Frenkel pair nucleation, but this connection
between the two processes would need to be tested in future
studies. In this work we tried but have not been able to con-
firm a correlation between the jog formation and vacancy
excursions around the core.

At temperatures 950 K and above, the intrinsic di!usion
mechanism changes. We begin to see vacancies frequently
abandoning the core and performing relatively long walks
(0.6 ns or longer) in the surrounding lattice. Such vacancies
are readily revealed by arrow plots, as demonstrated in
Fig. 7b for the edge dislocation. Some of the snapshots
contained more than one vacancy path and/or more than
one vacancy present in the lattice simultaneously. Together
with significant structural distortions observed in the core
region, these findings suggest that the core apparently
becomes an e!ective supplier of point defects.

Finally, when a single vacancy is introduced into the
core prior to the MD simulations, the arrow plots reveal
its occasional excursions into the lattice. Their frequency
is larger and the duration much longer than in the intrinsic
case, and both increase with temperature. However, only
one vacancy is always present in the simulation block. It
is only at high temperatures approaching Tm that the core
acquires the ability to generate additional vacancies, which
is illustrated in Fig. 7b.

An interesting topic of future research would be to com-
pare these results with dislocation di!usion in a low stack-
ing fault energy metal such as copper. If the existence of the
intrinsic di!usivity is confirmed as a generic e!ect, it might
motivate a revision of the current understanding of the role
of point defects in atomic transport along dislocations.
Furthermore, this would warrant a re-examination of the
models of materials processes that rely on the assumption
of vacancy-mediated di!usion, particularly models that
invoke changes in dislocation di!usion as a result of
vacancy over- or under-saturation in the material.
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